Monolithically integrated, active photonic devices on Si are key components in Si-based large-scale electronic-photonic integration for future generations of high-performance, low-power computation and communication systems. Ge has become an interesting candidate for active photonic devices in Si photonics due to its pseudo-direct gap behavior and compatibility with Si complementary metal oxide semiconductor (CMOS) processing. In this paper, we present a review of the recent progress in Ge-on-Si active photonics materials and devices for photon detection, modulation, and generation. We first discuss the band engineering of Ge using tensile strain, n-type doping, Sn alloying, and separate confinement of Γ vs. L electrons in quantum well (QW) structures to transform the material towards a direct band gap semiconductor for enhancing optoelectronic properties. We then give a brief overview of epitaxial Ge-on-Si materials growth, followed by a summary of recent investigations towards low-temperature, direct growth of high crystallinity Ge and GeSn alloys on dielectric layers for 3D photonic integration. Finally, we review the most recent studies on waveguide-integrated Ge-on-Si photodetectors (PDs), electroabsorption modulators (EAMs), and laser diodes (LDs), and suggest possible future research directions for large-scale monolithic electronic-photonic integrated circuits on a Si platform.
Introduction
In our information age, information and communication technology (ICT) already consumes ~5% of electricity worldwide in 2012 [1] . Considering that the data traffic has grown 30× from 2010-2015 [2] , this number will increase to >10% by 2020 in developed countries [3] and become a significant part of OPEN ACCESS energy consumption in the 21st century. More than half of the energy is consumed by interconnects that transfer information from one place to another, rather than computation itself. Electronic-photonic integrated circuits (EPICs) on Si have become an increasingly appealing solution to this issue [4, 5] . They combine the merits of photons in energy-efficient, high bandwidth data transmission with the merits of electrons in high-speed data processing on a single microchip, providing the most efficient synergy for Green ICT [6] .
A significant challenge for high-volume, large-scale EPICs on Si is active photonic devices for light generation, modulation and detection. These devices are conventionally based on direct band gap III-V semiconductors to benefit from the efficient direct gap transitions. However, epitaxial growth of high-quality III-V semiconductors on Si typically requires a thick buffer layer due to the lattice mismatch, making it difficult to integrate with complementary metal oxide semiconductor (CMOS) circuits ( Figure 1a ). Hybrid integration of III-V devices on Si by chip bonding has achieved significant progress in recent years, yet scaling to high-volume, wafer-scale processing is limited by the difficulties in incorporating III-V device fabrication into a standard CMOS processing flow. Active photonic devices based on Si itself have also been extensively studied in the past decade. While Si electro-optical modulators based on carrier-induced refractive index changes have achieved great success [7] [8] [9] , the trade-off between operation wavelength range and energy consumption/thermal stability is still hard to overcome [9, 10] . Conventional Mach-Zehnder interferometer (MZI) structures tend to have large footprints with high power consumption, while energy-efficient micro-resonator modulators have limited operation wavelength range and tend to suffer from resonant peak shifts due to thermo-optical effects. Si nanostructures have been investigated for light emission [11, 12] , and defects states have been engineered to extend the absorption range of Si for photodetection at telecommunication wavelengths [13, 14] . However, the difficulty in electrical injection limits the efficiency of Si nanostructure light emitting diodes (LEDs). While high electroluminescence efficiency has been observed in Si nanocrystal-organic hybrid systems at very low injection levels; at elevated injected current density >1 mA/cm 2 the efficiency drops dramatically [15] . The spectrally extended Si photodetectors (PDs) using engineered defect states suffer from a low absorption coefficient and a trade-off in quantum efficiency particularly at CMOS-compatible driving voltages (<5 V).
To address the limitations of III-V semiconductors and stand-alone Si, since the late 1990s Ge has become an interesting candidate for active photonic devices on Si platforms due to its pseudo-direct gap behavior [16] and compatibility with Si CMOS technology [17] . Utilizing the efficient direct gap transition of Ge and band engineering techniques to further reduce the energy difference between the direct and indirect band gaps, high-performance Ge-on-Si PDs, electroabsorption modulators (EAMs) and prototype laser diodes (LDs) have been demonstrated in recent years. While epitaxial Ge-on-Si materials and devices comprise the main approach so far (Figure 1c ), recent research is also exploring the possibility of monolithic 3D integration using back-end-of-line (BEOL) CMOS processing ( Figure 1d ). In this paper, we review recent progress in band engineering, materials growth and the design/performance of integrated Ge active photonic devices on Si. We also propose some possible directions for future investigations. The results demonstrate that Ge-on-Si is an ideal solution for monolithic, large-scale electronic-photonic integration.
Band Structure and Band Engineering
The band structure of bulk Ge is schematically shown in Figure 2a . Although Ge is considered an indirect gap semiconductor, the energy difference between its direct gap at the Γ valley and indirect gap at the L valleys is only 136 meV [16] , or ~5 k B T at room temperature (k B is the Boltzmann constant). The direct band gap of 0.8 eV corresponds to a wavelength of 1550 nm, the most technically important wavelength in optical communications. Active Ge photonic devices on Si are fundamentally based on this direct gap transition. In this section, we will discuss several band-engineering approaches that transform Ge towards a direct gap semiconductor.
Tensile Strain
The energy difference between the direct and indirect gaps of Ge can be further reduced by tensile strain, as schematically shown in Figure 2b [18, 19] . With biaxial tensile stress, both direct and indirect gaps shrink, but the direct gap shrinks faster. Therefore, Ge transforms from an indirect towards a direct gap semiconductor with the increase of tensile strain. Furthermore, the top of the valence band is determined by the light hole band under biaxial tensile stress. The small effective mass of the light hole band reduces the density of states in the valence band, which in turn decreases the threshold for optical transparency and lasing. Theoretically, Ge can be transformed into a direct gap material with ~2% biaxial tensile strain [19] [20] [21] or >4% uniaxial tensile strain along <100> direction [22] . The band gap decreases to ~0.5 eV correspondingly. Experimentally, a thermally induced tensile strain of 0.2%-0.3% can be obtained in the Ge thin films utilizing the difference in thermal expansion coefficients between Ge and Si [23] [24] [25] . This level of tensile strain reduces the difference between the direct and indirect band gaps of Ge from 136 to ~100 meV, and redshifts the direct band gap from 0.8-0.76 eV. Several approaches have been investigated to further enhance the tensile strain in epitaxial Ge. These include growths on relaxed GeSn buffer layers [26, 27] , utilizing silicide [28] and nitride stressor layers [29, 30] , and coupling micro-electromechanical systems (MEMS) with suspended thin Ge layers. Jain et al. [31] have demonstrated a prototype MEMS device with up to 1.4% uniaxial and 1% biaxial tensile strain introduced to the Ge layer by a Si 3 N 4 stressor. Compared to bulk Ge, the photoluminescence (PL) peak redshifts to λ = 1860 nm (hν = 0.64 eV) and the integrated intensity increased by 260 times. More recently, Süess et al. [32] achieved 3.1% uniaxial tensile strain in a suspended Ge beam by patterning and under-etching 0.15% tensile strained Ge thin films grown on Si and silicon-on-insulator (SOI) substrates. This approach utilizes the fact that, at a constant force in the plane of the Ge films, the stress is inversely proportional to the cross-sectional area of the suspended structures. Since the suspended beam can be patterned into a very small cross section, the stress in this region is greatly enhanced compared to the blanket film regime. The direct band gap shrinks by 0.21 eV to hν = 0.59 eV (λ = 2100 nm) in this case, and the PL intensity increases by 25 times. Further increase in strain is only limited by the mechanical strength of Ge itself. Indeed, very lately the same group has further achieved 4% uniaxial strain [33] , while Sukhdeo et al. have reported 5.7% tensile strain along <100> direction [34] . In addition, Capellini et al. have reported up to ~0.9% equivalent biaxial tensile strain in a SiN(stressor)/Ge/SOI(001) stack using 130 nm bipolar-CMOS (Bi-CMOS) processing [35] . the difference between the direct and the indirect gaps can be decreased by tensile strain, and (c) the rest of the difference between direct and indirect gaps in tensile strained Ge can be compensated by filling electrons into the L valleys via n-type doping. Because the energy states below the direct Γ valley in the conduction band are fully occupied by extrinsic electrons from n-type doping, injected electrons are forced into the direct Γ valley and recombine with holes, resulting in efficient direct gap light emission [18] . 
N-Type Doping
To obtain optical gain from the direct gap transition of Ge while maintaining the emission wavelength in the C and L bands (1520-1630 nm), n-type doping has been combined with 0.2%-0.3% tensile strain in order to compensate the energy difference between direct and indirect gaps (Figure 2c ) [18, 19] . In this case, the required n-type doping level is in the order of 10 . For larger tensile strain the required n-doping level can be reduced as the energy difference between direct and indirect gaps decreases. Since the lower energy states in indirect L valleys are already occupied by electrons from n-type doping, upon carrier injection some injected electrons are forced to occupy the direct Γ valley and recombine with holes radiatively via efficient direct transitions. Furthermore, the injected electrons in the Γ valley are depleted much faster than those in the L valleys because the radiative recombination rate of the direct transition is 4-5 orders of magnitude higher than that of the indirect transitions [36] . In order to maintain the quasi-equilibrium of electrons in the conduction band, the electrons initially injected into in the L valleys will populate the Γ valley following inter-valley scattering, as shown by the horizontal dashed arrow in Figure 2c . This process results in further radiative recombination via efficient direct transitions. In terms of optical gain upon carrier injection, a major difference from the intrinsic Ge case is that the Fermi level is already raised close to the Γ valley by n-type doping (Figure 2c ) so that a much smaller amount of injected carriers is needed to achieve population inversion. As a result, free hole absorption, which dominates free carrier absorption (FCA) in Ge [37] [38] [39] , is significantly reduced and net gain is enabled.
Sn Alloying
In addition to tensile strain and n-type doping, alloying with Sn has been developed as another approach to convert Ge into a direct band gap semiconductor [40] [41] [42] [43] . The diamond cubic phase of Sn is known as α-Sn, and it has a negative direct band gap of −0.41 eV since the s-like Γ 7 − conduction band edge is 0.41 eV lower than the p-like Γ 8 + valence band edge. On the other hand, the indirect gap at L valley in α-Sn is ~0.1 eV [40, 44] . Therefore, with the increase of Sn composition the energy of the direct Γ valley decreases faster than the indirect L valleys, leading to indirect-to-direct gap transition. Based on photoreflectance and ellipsometry measurements of GeSn alloy thin films deposited on Si by chemical vapor deposition (CVD), it has been suggested that the Sn composition needed for indirect to direct gap transition should not exceed 11 at % for relaxed GeSn [44] . The corresponding direct band gap is ~0.5 eV at indirect-to-direct gap transition. PL results from GeSn samples deposited on GaAs/InGaAs substrates by molecular beam epitaxy (MBE) have suggested that this transition occurs at ~7 at % Sn for relaxed GeSn [45] . Overall, we can state that 8-10 at % Sn alloying is needed to convert GeSn into direct gap semiconductor. While the equilibrium solubility of Sn in bulk Ge is only 1 at %, CVD [44] , MBE [45, 46] and direct crystallization of amorphous GeSn (a-GeSn) thin films [47] all have achieved substitutional Sn compositions of ~9-10 at %. The last approach can be applied to any amorphous dielectric layers towards monolithic 3D photonic integration of active photonic devices on Si [47] . This method will be discussed in more detail in Section 3.2. It is also noteworthy that up to 25 at % Sn alloying has been demonstrated recently using MBE at a very low growth temperature of 120 °C [48] . The thickness of the Ge 0.75 Sn 0.25 thin film is limited to 50 nm before the epitaxy breaks down.
Cocktail Material Band Engineering Approaches for Optimal Ge-Based Gain Media
Each of the three band engineering methods mentioned above has its limitations when used alone. For the tensile strain engineering, it is very difficult to achieve 2% biaxial tensile strain, or 4% uniaxial tensile strain that is required to transform Ge completely into a direct gap material. For n-type doping, achieving an active dopant concentration >5 × 10 19 cm −3 turns out to be challenging. For Sn alloying, achieving device-quality GeSn with >10 at % Sn concentration remains an unresolved problem. Therefore, the most promising strategy is to find a sweet spot that incorporates intermediate levels of tensile strain, Sn alloying, and/or n-type doping, instead of stretching the fabrication capabilities for one of the methods. As an example, Figure 3a 
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by biaxial tensile strain, ε, is given by: sample [47] . Further considering the thermal excitation energy at 300 K, the material can already be regarded direct gap when E g Γ − E g L ~k B T = 0.026 eV. For 0.3% tensile strain, this can be achieved at 7 at % Sn alloying. If the tensile strain can be moderately engineered to 0.6%, only 5 at % Sn alloying is needed to achieve the indirect-to-direct gap transition effectively. Both can be readily implemented using existing strain and Sn alloying technologies. Even for that we originally proposed in [19] . The lower n-type doping not only helps to reduce the detrimental Auger recombination, but also simplifies the materials growth process. In addition, it has been shown that such a pseudo-direct gap configuration can increase the emission efficiency at high temperature and high injection levels due to enhanced L-to-Γ valley excitation or scattering [50] [51] [52] [53] [54] . Thus, one can also optimize the relative positions of L vs. Γ valley for high power on-chip laser sources, where high injection current and high thermal stability up to 80 °C are required in EPICs. All these results indicate that it is promising to achieve high-quality direct gap Ge-based material on Si using a combination of tensile strain, Sn alloying, and n-type doping engineering. The small band gap of tensile strained GeSn shown near the top right corner of Figure 3b also indicates that it has significant potential applications in Si-based mid infrared (MIR) integrated photonics.
Separate Confinement of Γ. vs. L Electrons for Direct-Gap Ge Quantum Well (QW) Structures
In addition to directly engineering the Ge material itself, we proposed that the band structure of Ge could also be engineered towards direct gap semiconductor by carefully designing the QW device structures [55] . QWs are commonly applied in LDs to reduce the threshold current density and increases quantum efficiencies. Theoretical investigations on direct gap Si/Ge superlattices and QWs have started since 1980s [56] and have continued through recent years [57, 58] . However, there has been no experimental demonstration of direct gap SiGe QW structures so far. A couple of challenges have to be addressed. Firstly, in SiGe/Ge QWs the quantum confinement actually increases the energy difference between the direct and indirect gaps due to the much smaller effective mass and much stronger confinement of Γ electrons, as shown in Figure 4a . Secondly, the epitaxial growth of Ge on SiGe typically results in compressive strain in Ge due to the lattice mismatch, which also increases the energy difference between Γ and L valleys.
In order to improve the Ge QW structures, we proposed a "separate electron barrier" approach [55] , where the barrier material provides strong confinement in the L valleys, but weak confinement in the Γ valley. This idea can be implemented by carefully choosing the barrier material that provides a large band-offset in L valleys while small offset in Γ valley with Ge ( Figure 4b ). Such band alignment can make Ge "direct band gap" by raising the L valleys above the Γ valley due to the stronger quantum confinement of electrons in the L valleys. As an example, the band diagram of an AlGaAs/Ge/AlGaAs QW structure is shown in Figure 4b , where the Ge QW is converted into a direct gap semiconductor due to the stronger quantum confinement of electrons in the indirect L valleys provided by the AlGaAs barriers. One could also tweak the design to engineer the L valley slightly below the Γ valley for high lasing performance at elevated temperatures. There are several advantages of this approach: (1) The AlGaAs barrier layer is not an active material but just a barrier layer electrode, so it can be deposited at low temperature to avoid diffusion of III and V elements and achieve CMOS compatibility. (2) Off-cut wafers may not be needed either, since antiphase boundaries will not significantly affect the performance in this case. (3) Pseudo-direct gap Ge lasers offer much better thermal stability, and in this case one can engineer the relative positions of L and Γ valleys by QW design for optimal performance. In III-V lasers, quantum dot (QD) lasers also show good thermal stability, but the wavelength of these QDs is far from 1550 nm and they have not been integrated on Si so far. Therefore, this new Ge QW design could offer a simple solution to high-performance monolithic lasers on Si at 1500-1700 nm. In the case of tensile strained Ge or GeSn active gain media, the energy gap reduction due to tensile strain and/or Sn alloying can also be partially compensated by the quantum confinement effect. This compensation helps to avoid potential issues related to the dark current in small band gap semiconductors. In summary of this section, our analyses show that it is highly feasible to achieve direct gap or optimized pseudo-direct gap Ge-based active photonic devices on Si by leveraging tensile strain, Sn alloying, n-type doping, as wells as separate confinement of L vs. Γ electrons in QW structures.
Ge and GeSn Growth on Si
To implement the band engineering approaches mentioned in Section 2, high quality Ge and GeSn growth on Si is the first critical step. The greatest challenge for high quality Ge epitaxy on Si is the 4.2% lattice mismatch between these two materials. In this section, we will discuss both epitaxial growth and recent investigations towards low-temperature growth of high crystallinity Ge and GeSn on amorphous dielectric layers for 3D photonic integration. 
Epitaxy
Epitaxy is the most common approach to grow Ge on Si. To achieve device quality epitaxial Ge on Si without using very thick SiGe buffer layers, a two-step direct Ge growth technique has been applied to prevent Stranski-Krastanov growth [59, 60] and subsequent annealing has been developed to decrease the threading dislocation (TD) density below 10 7 cm −2 [61] . In the initial growth step, a thin epitaxial Ge buffer layer of 30-60 nm is directly grown on Si at 320-360 °C. At such a low growth temperature islanding of Ge associated with Stranski-Krastanov growth is kinetically suppressed due to the low surface diffusivity of Ge. In the second growth step, the growth temperature is increased to >600 °C for higher growth rates and better crystal quality. A post-growth annealing at >750 °C can reduce the TD density from 10 . It has also been shown that the TD density decreases with the increase of Ge film thickness [62] , similar to the case of GaAs epitaxy on Si [63] . Luan demonstrated that the TD density could be reduced to 7.9 × 10 6 cm −2 for a 3.9 μm-thick Ge layer [62] . This phenomenon can be well explained by a dislocation coalescence/annihilation model during the epitaxial growth or annealing [63, 64] . More recently, a low threading dislocation density of 1.3 × 10
has been demonstrated in blanket Ge-on-Si films by growing a 4.5 μm-thick Ge layer and etching it back to 1.8 μm [65] . In selectively grown Ge mesas with lateral dimensions ~10 μm, the average TD density can also be reduced to low 10
even for a relatively thin film of 1 μm [61, 62] because these dislocations can glide to the edge of the mesas and annihilate. This selective growth method is more efficient than the growth of thick blanket Ge layers and more compatible with photonic device integration. Details about the two-step growth and dislocation reduction methods can be found in some recent reviews [66] [67] [68] . In particular, in-situ n-type doping methods have been reviewed in [66, 67] . In CVD process, a phosphorous doping level up to 5 × 10 ) followed by drive-in annealing [69, 70] . These materials enabled the first demonstration of band-engineered Ge-on-Si LDs. To accommodate the thermal budget for epitaxial growth in device integration, the Ge epitaxy is commonly performed after the gate formation but before the metallization process (see the processing temperature color bar in Figure 1 ).
Epitaxy of GeSn has been implemented by both MBE and CVD. The development of SnD 4 precursor was the key factor that enabled Sn alloying in CVD growth [71] . The deposition temperature is typically between 200 and 350 °C, and higher Sn content typically requires lower growth temperature to prevent Sn segregation. Compared to Ge, GeSn tends to relax more easily on Si substrate due to an even larger lattice mismatch. Similar to epitaxial Ge, annealing has been shown to improve the optoelectronic properties of GeSn [45, 72] by reducing the defect density. Rapid thermal annealing (RTA) is preferred in this case to remove the defects without causing Sn segregation. Since room-temperature light emission has been demonstrated from both MBE and CVD growth samples, there does not seem to be significant difference in material quality between these two epitaxial growth methods.
In recent years, the rapid melting growth (RMG) or liquid phase epitaxy (LPE) of Ge has been developed as an alternative to MBE and CVD epitaxy [73] [74] [75] . A typical Ge RMG/LPE structure is schematically shown in Figure 5 . An amorphous Ge (a-Ge) thin film is deposited on a dielectric layer, with a small window in contact directly with the single crystalline Si substrate or a patterned Si grain to serve as the seedling region for the single crystal Ge growth upon melting and recrystallization.
The a-Ge deposition does not require MBE or CVD epitaxy tools, so it can be implemented by less costly, higher throughput methods such as plasma enhanced CVD (PECVD). In some cases, a very thin SiGe buffer layer is deposited first to reduce the columnar growth and the surface roughness [75] . A dielectric capping layer such as SiO 2 is often deposited on top of the a-Ge before the RMG process. Since a high temperature >937 °C is required to melt Ge, RMG has to be incorporated into the front-end-of-line (FEOL) processing during device integration, along with the RTA for activating implanted dopants in the source/drain regions [75] . Upon melting at ~1000 °C, the Ge crystal grows laterally, seeded by the region in contact with single crystal Si. The key to this approach is to achieve a fast lateral growth rate to prevent random nucleation of Ge grains on the dielectric layers. Experimental results have consistently shown that the single crystal regime can sustain for tens to hundreds of microns, large enough for integrated Ge photonic and electronic device fabrication. Since the defects due to Si/Ge lattice mismatch is confined to the seed region, nearly defect-free single crystalline Ge strips can be obtained away from this seeding region. Indeed, a high hole mobility of >1000 cm
has been reported [74] , indicating a high material quality. Recently, a thermally induced tensile strain of 0.4% has been reported from Ge-on-insulator grown by RMG [76] due to the high growth temperature and reduced stress relaxation upon rapid cooling after RTA. One of the challenges for photonic applications, though, is that the Ge region almost inevitably incorporates a small amount of Si due to Ge-Si inter-diffusion upon melting. Incorporation of Si tends to blue-shift the direct band gap and increases the difference between the direct and indirect gaps. For PDs, the blue-shift will affect the optical absorption at longer wavelengths (λ > 1550 nm). For EAMs and LDs, the performance tends to deteriorate due to the increase in the energy difference between the direct and indirect band gaps. 
Growth Methods towards 3D Photonic Integration
So far, most of the Ge photonic devices are grown on single-crystal Si (either SOI or Si substrate) via heteroepitaxy, constituting a planar integration scheme (Figure 1c) . However, heteroepitaxy of Ge consumes device area on single crystal Si, thereby significantly sacrificing CMOS area for photonic devices. The size of the photonic devices is limited by the diffraction as well as the optical path length necessary for light-matter interaction. For example, a waveguide-integrated Ge PD is typically >0.1 μm 2 in cross-section and from several microns to tens of microns in length. This footprint is more than 100× larger than CMOS transistors in 22 nm technology node. Furthermore, this planar integration approach has to introduce some modifications to existing CMOS process flow in order to accommodate the epitaxial growth as well as the vertical dimension of photonic devices (typically several hundred nm thick). These modifications are hard to implement in <45 nm CMOS technology nodes. Therefore, for large-scale EPICs it would be ideal to adopt a 3D configuration, moving the photonic circuits to the metal/dielectric interconnect level above the CMOS layer using BEOL processing. For monolithic 3D photonic integration, the major challenges for materials growth are: (1) the lack of single crystal template for epitaxy makes it difficult to achieve high crystallinity; and (2) the processing temperature has to be kept below ~500 °C to be compatible with the metal contacts. Although metal induced crystallization (MIC) has been investigated to achieve low crystallization temperature [77] [78] [79] , the metals commonly used in MIC, including Ni, Au, Co, Ag, Pd and Al, either introduce deep-level defect centers or exceedingly high doping concentrations that are detrimental to semiconductor device performance [80] . On the other hand, direct growth of Ge or GeSn on amorphous dielectric layers also offers a new opportunity in that the constraint of lattice mismatch in epitaxy is naturally removed. Once implemented, it offers unprecedented flexibility in fabrication of 3D circuit structures.
To grow single crystalline Ge on amorphous dielectric layers, we have proposed and demonstrated the concept of geometrically-confined growth of single crystalline Ge on amorphous Si at a low growth temperature of 450 °C, as shown in Figure 6 [81] . The facets of the Ge material in Figure 6a indicate the single-crystal nature of the grain. The observed boundary (also confirmed by electron backscatter diffraction, EBSD) is a coherent interface with no dangling bonds to cause mid-gap states, so it will not adversely affect the optoelectronic properties. To achieve geometrical confinement for Ge growth, we first fabricate ~200 nm-wide amorphous Si (a-Si) wires on a SiO 2 layer, then cover them with another SiO 2 layer and etch from the top to expose one end of the Si wires (Figure 6b ). An undercut etching of the a-Si wire using TMAH forms a hollow channel for geometrical confinement (Figure 6c ). During the ultrahigh vacuum CVD (UHVCVD) process, Ge only selectively deposits on Si but not on SiO 2 . Therefore, in this geometric configuration Ge growth has to start from the a-Si seed with a nanoscale cross-section of ~200 × 200 nm 2 and propagate laterally along the channel. Multiple Ge nuclei may start to form on the a-Si seed initially, leading to a growth competition of Ge grains inside the channel. During this competition, the nucleus with the fastest lateral growth rate along the channel will eventually dominate and block the growth of other grains if the aspect ratio of the channel, d/h, is large enough. This nucleus typically has its <110> orientation aligned with the channel, the fastest growth direction in Ge considering the effect of twinning. Therefore, the fastest-growing grain is selected by the geometric confinement and leads to single crystal Ge growth outside the channel (Figure 6d ). Using this geometrically confined growth method, in principle the area of the single crystal Ge region can be enlarged to any desirable size simply by increasing the growth time. However, in reality the lateral growth rate is limited to a few μm/h in order to prevent random Ge nucleation on the SiO 2 mask layer. In addition, the shape of the Ge single crystal is hard to control exactly.
Considering that Sn and Ge form a eutectic system with a low eutectic temperature of 231 °C, we expected that the GeSn alloy may crystallize at a lower temperature with a higher lateral growth rate than Ge. As mentioned earlier, Sn alloying also enhances the optoelectronic properties by transforming Ge towards a direct gap semiconductor. Therefore, recently we studied the crystallization of GeSn on amorphous SiO 2 layers towards monolithic 3D photonic integration [47] . Amorphous GeSn (a-GeSn) films were evaporated on a layer of SiO 2 followed by crystallization annealing. The eutectic phase transition in Ge-Sn system greatly enhances the crystallization at <500 °C. Pseudo-single-crystalline GeSn thin films with up to 8.7 at % Sn has been directly grown on a SiO 2 layer at ~460 °C. As shown in Figure 7a ,b, we clearly identified nucleation centers that are as far as ~0.1-1 mm away from one another, from which the grains grow radially. This striking observation is highly unusual in the crystallization of amorphous semiconductor thin films, and it suggests an extraordinarily fast lateral grain growth rate vs. a slow nucleation rate during the eutectically enhanced crystallization process of GeSn. EBSD analysis shows that the average grain size is as large as ~10 μm, and the majority of grain boundaries are relatively benign twin boundaries (Figure 7c,d) . For an initial Sn composition of 9-13 at % in the as-deposited films, the crystallized GeSn film exhibits a strong (111) texture, as shown by the inverse pole figure in the inset of Figure 7d and the X-ray diffraction (XRD) data in Figure 7e . We also found that the excess Sn segregates on the surface of the GeSn thin films along the small angle grain boundaries, and it can be selectively removed by a 37% HCl:H 2 O solution with a high Sn-to-GeSn (Ge-rich) etching selectivity >4800:1 [47] . After the selective etching, β-Sn signals no longer exist in the XRD data. From XRD, micro-Raman, energy dispersive X-ray spectroscopy (EDS) and EBSD analyses, it was found that the films exhibit ~0.3% tensile strain and 8.7 at % substitutional Sn composition. Similar to the cases of MBE and CVD, the substitutional Sn composition far exceeds the equilibrium solubility of Sn in Ge (~1 at %). Moreover, the substitutional incorporation of 8.7 at % Sn into Ge and the 0.3% tensile strain transform the material into a direct gap semiconductor. As mentioned in Section 2, the measured band gap of ~0.5 eV from optical transmittance spectroscopy (Figure 7f ) is in good agreement with the theoretical calculation in Figure 3 . Further employing geometrically confined growth, it is promising to achieve single crystalline GeSn on dielectric layers for high-performance active devices in 3D photonic integrated circuits. 
Ge-on-Si Active Photonic Devices
Armed with high quality Ge materials on Si, high performance Ge-on-Si PDs and EAMs have been demonstrated in recent years. Prototype Ge-on-Si LDs have also been achieved. In this section, we will first discuss waveguide-coupling schemes for integrated Ge photonic devices on Si. We then discuss each Ge-on-Si active photonic device individually.
Waveguide Integration Schemes
Waveguide-coupling with Ge active photonic devices is indispensable to construct integrated photonic circuits. Butt-coupling and evanescent coupling are the most commonly used waveguide-coupling schemes, as schematically shown in Figure 8 . Butt-coupling launches optical power directly into the Ge active device region, thereby offering a higher coupling efficiency compared to evanescent coupling in most cases. It is also straightforward to couple the light into and out of the Ge or GeSi region for EAMs. Therefore, the same butt coupling structure can be applied to all Ge active photonic devices for monolithic photonic data links [82, 83] . The fabrication process of butt-coupled devices is typically more elaborate than evanescently coupled ones, though, since Ge has to be selectively grown to fill pre-defined trenches in order to implement butt-coupling structures [83] [84] [85] [86] [87] . Chemical mechanical polishing (CMP) is often required to flatten the top of the Ge mesas since single crystalline selective growth usually results in faceting and a non-planar surface. An example of such a fabrication process is schematically shown in Figure 9 , where cross-sectional SEM images of Ge overgrown out of the trench and after planarization are also presented. Figure 9 . Schematic fabrication process of butt-coupled Ge PDs and EAMs on SOI platform. "a-Si" and "c-Si" refer to amorphous Si and crystalline Si, respectively. Trench-filling selective growth is applied to achieve these structures. Cross-sectional SEM pictures of trench-filled Ge selective growth and the Ge region after CMP are also shown. © 2006 IEEE. Reprinted, with permission, from [88] .
Several types of butt-coupling structures have demonstrated high coupling efficiencies. For example, the Ge PD/EAM has been designed and fabricated as a segment of the waveguide, with its dimensions optimized for maximum modal overlap with that of the input and output Si waveguides [83, 84] .
Tapered mode converters have been applied to enhance butt-coupling efficiency [86] . To enhance the tolerance to fabrication errors, especially lateral misalignment, in some cases a wide patch of Ge is used to capture the optical power coupled and scattered into the Ge region [85] . This kind of optical design is somewhat similar to multi-mode interference (MMI) couplers. It could be extended to EAMs if output coupling is also designed carefully to distribute the modulated light into different channels. The trade-off is that the Ge device area tends to be large.
Evanescent coupling uses the fact that light can be easily coupled evanescently from a lower index material (i.e., waveguide) to a higher index material (e.g., Ge PDs) as long as the index difference is small enough. The electromagnetic mode and hence the optical power is typically transferred gradually to the high index material. The waveguide is usually placed either on bottom or on top of the Ge region to simplify fabrication processes. In bottom-waveguide-coupled structures, Ge devices are typically grown epitaxially on crystalline Si waveguides fabricated on SOI substrates. By comparison, top-waveguide-coupled structures allow greater flexibility in choosing waveguide material since they do not have to form a template for Ge epitaxy. The waveguide material can be amorphous, such as amorphous Si (a-Si), SiON or SiN. These amorphous waveguides are applicable to photonic circuits at the upper interconnection level for 3D photonic integration.
Ahn et al. [89, 90] systematically studied evanescent coupling processes between the waveguide and the Ge active region in the case of Ge PDs, which can be readily extended to other waveguide-coupled Ge devices since the coupling only depends on the refractive index profile and the geometry. The analysis identified three mechanisms: (i) Direct coupling and scattering into the Ge region due to mode matching and abrupt effective index change ( Figure 10a) ; (ii) Evanescent coupling at a constant rate ( Figure 10b) ; and (iii) Backscattering of residual optical power in the waveguide into Ge at the end of waveguide/Ge coupling region due to the abrupt change in effective index and geometry. Most waveguide-coupled Ge PDs are designed to absorb all input photons, so Mechanism (iii) is negligible in most cases since there is hardly any residual optical power in the waveguide at the end of the coupling region. However, this factor needs to be taken into account for EAMs since optical output from the Ge active region is also important. Mechanism (i) is more efficient than Mechanism (ii) in coupling optical power into the Ge region, so it is the preferred mechanism for waveguide-coupled Ge PDs. On the other hand, Mechanism (ii) is similar to directional couplers and can be adapted to waveguide-coupled GeSi EAMs. In this case, the light oscillates between the input waveguide and the EAM active region for optical modulation before it exits the output port of the waveguide [91] . Ahn et al. also investigated two major factors that affect coupling efficiency for vertical evanescent coupling in Ge PDs: (1) The refractive index difference between Ge and the core of the waveguide materials, n Ge -n core ; and (2) The geometrical factor of the waveguide. Generally speaking, low index difference between the waveguide and the Ge region, small cross-sectional dimensions of the waveguides, and low height-to-width aspect ratio of waveguides lead to a Mechanism (i) dominated regime and greatly enhanced coupling efficiency into Ge. Lower index differences reduce the impedance mismatch between the waveguide and the Ge region, thereby facilitating coupling. Smaller waveguide cross-sectional dimensions or aspect ratio help to increase optical confinement in the Ge region for more efficient optical absorption. In some device structures, thick Si waveguides is preferred for optimal performance, such as waveguide-coupled avalanche photodiodes (APDs). To enhance evanescent coupling efficiency between thick Si waveguides and Ge APDs, we have designed a step coupling structure to create mirror imaging modes at the Ge/Si interface using a vertical MMI mechanism [92] . The coupling length has been effectively reduced by 5× for 70% absorption, and 3× for 90% absorption. at λ = 1550 nm was assumed for simulation, i.e., considering 0.22% tensile strain in Ge. As shown in the figures, when the thickness of the Ge region decreases relative to the Si waveguide, the coupling efficiency deceases due to a shift in coupling mechanism from direct coupling and scattering dominated regime (Mechanism i) to evanescent coupling at a constant rate (Mechanism ii). The unit of the axes is micron. © 2010 IEEE. Reprinted, with permission, from [89] .
Ge-on-Si PDs
Ge-on-Si PDs are the most mature integrated Ge photonic devices. Most of them adopt a p-i-n diode structure, with the intrinsic layer being Ge and at least one of the p/n electrodes being heavily doped Si substrate [93] [94] [95] . The key to high performance devices is to optimize the built-in field in the intrinsic Ge region so that carriers can be collected fast enough before recombining at any defect centers. For high quality intrinsic epitaxial Ge layers, full responsivity can be achieved even at 0 bias (photovoltaic mode) due to this large built-in electric field [93] . Free-space coupled Ge-on-Si p-i-n photodiodes have reached a bandwidth of 49 GHz at −2 V reverse bias [96] . The dark current density has been reduced from ~10 mA/cm 2 to ~1 mA/cm 2 at −1 V over the past decade mainly by improving the surface passivation to decrease peripheral leakage for devices with small dimensions ≤100 μm 2 [97] . Note that reducing the device area also decreases RC delay and increases the bandwidth of the device. As mentioned in Section 3.1, in these small area devices, the TD density is much lower than in blanket films, so the dark current is dominated by generation-recombination at the Ge/passivation interface. When the passivation interface is properly doped or treated, the depletion region is pushed away from the passivation interface, thereby reducing the generation/recombination current. Based on the same consideration, the low-quality Ge buffer layer mentioned in Section 3.1 is heavily doped either by drive-in diffusion from the Si substrate during the post-growth annealing [62] or via in-situ doping [98] . The Ge buffer layer now becomes part of the electrode so that the incorporated misfit dislocation network does not contribute significantly to generation/recombination. By now, the performance of free-space Ge-on-Si p-i-n diodes is comparable to their III-V counterparts at 850 and 1310 nm. The responsivity at 1550 nm is usually a bit lower than InGaAs detectors due to a lower absorption coefficient. This is mainly because the direct band gap of 0.2% tensile strained Ge (0.77 eV) is larger than InGaAs (≤0.75 eV). With the recent progress in band engineering methods described in Section 2, it is possible to further improve the responsivity at 1550 nm for free-space Ge-on-Si PDs, e.g., by increasing tensile strain or incorporating a small amount of Sn. Indeed, recently a 40 GHz Ge 0.98 Sn 0.02 free-space p-i-n photodiode has been demonstrated [99] with the responsivity at 1550 nm 2× higher than a pure Ge photodiode of the same absorber layer thickness. In 2011, commercial optical receivers based on free-space Ge-on-Si PDs monolithically integrated with Si trans-impedance amplifier (TIA) circuits were reported by Analog Devices, Inc. [100] . Data rate up to 43 Gb/s was demonstrated from vertically illuminated Ge-on-Si receivers recently [101] . Free-space Ge-on-Si APDs, which synergistically integrate the high absorption of Ge layers at telecommunication wavelengths with the outstanding low-noise avalanche gain in Si, have demonstrated performance superior to their III-V counterparts [102] and are being commercialized for 10G-PON applications [103] .
To achieve photonic circuits on Si, waveguide-integrated Ge-on-Si PDs have been developing rapidly in recent years. An additional benefit for device performance is that they have no trade-off between bandwidth and quantum efficiency as do free-space PDs [88, 104, 105] . This is because in waveguide-integrated PDs, the optical absorption path is in the longitudinal direction along the waveguide, which can be as long as needed to fully absorb the input optical power. On the other hand, carrier collection can be implemented in a transverse direction perpendicular to the light propagation direction, with a dimension in the order of several hundred nm to minimize carrier transit time and increase bandwidth. One can optimize the PD design for maximum bandwidth while maintaining a high quantum efficiency >90%. Since the first reports on waveguide-integrated Ge-on-Si PDs, the performance of these devices has been rapidly improving. Table 1 [68] ). The responsivity is typically ~1 A/W at λ = 1550 nm, or >80% quantum efficiency. The bandwidth has generally exceeded 40 GHz since 2009 [75, 85, 106] . A 60 GHz evanescently coupled Ge p-i-n diode has been demonstrated very recently by coupling the detector with a carefully designed inductor-capacitor circuit utilizing inductive gain peaking [107] . An estimated bandwidth of 120 GHz has been reported in [108] with the directly measured result exceeding 67 GHz. The maximum bandwidth-efficiency product has exceeded 30 GHz [86, 108] . In selectively grown butt-coupled Ge photodetectors with sidewall passivation by PECVD SiO 2 , a low dark current density of 0.7 mA/cm 2 at −1 V has been achieved with a very small absolute dark current of 0.2 nA [84] . This absolute dark current is orders of magnitude lower than typical free-space diodes. However, in some literature a large dark current density was reported [86, 108] . Considering the high responsivity and bandwidth of these devices, it is likely that Ge material itself is still of high quality, and the leakage is mainly due to peripheral passivation issues. In terms of system integration, Kotura, Inc. recently reported terabits/s wavelength division multiplexing (WDM) photonic receiver chips based on 40 waveguide-coupled Ge-on-Si PDs monolithically integrated with a 40-channel WDM echelle grating [109] . For Ge-on-Si APDs utilizing avalanche gain in the Si layer, waveguide integration can at least double the primary responsivity compared to free-spaced ones, which further improves their sensitivity [92, 110] . Photocurrent gain from the Ge region itself has also been utilized to enhance the sensitivity of waveguide-coupled PDs [111] . In recent years, bandwidths at 0 bias (photovoltaic mode) have also been improved significantly especially for waveguide-integrated p-i-n PDs. This is because the thickness or width of the intrinsic Ge region can be reduced to obtain a stronger built-in electric field at 0 bias without affecting the optical absorption path length in the longitudinal direction. Full responsivity and up to 40 Gb/s data rate have been demonstrated at 0 bias [108] . Operations under photovoltaic mode at 0 bias are especially beneficial to achieve high energy-efficiency in large-scale EPICs since the PDs practically consume no power at all. One could even consider harvesting electrical power directly from the incident laser by operating the Ge PDs under photovoltaic mode. For example, the photovoltage could be used to drive electronic circuits without using power consuming TIA circuits. The energy conversion efficiency can also be much higher than solar photovoltaic cells, since the optical power from the laser is at a single wavelength. Using the demonstrated dark current density of 1 mA/cm 
Ge and GeSi EAMs
Similar to III-V semiconductors, the direct gap absorption in Ge can be effectively modified by an applied electric field, known as electroabsorption (EA) effect. EA effect in semiconductors include Franz-Keldysh effect (FKE) in bulk materials and quantum-confined Stark effect (QCSE) in QW structures. Figure 11 schematically shows the optical absorption process and absorption spectra in a semiconductor material with and without an electric field. Without the field, photons with energy less than the band gap are not absorbed, while those with energy above the band gap are (Figure 11a ). The absorption coefficient spectrum follows the well-known square-root relation for direct gap transitions (Figure 11b,  dashed line) . With an applied field, the absorption process can be considered as band-to-band tunneling under photon excitation. In this case, even a photon with hν < E g Γ can excite an electron from the valence band to the conduction band through a cooperative tunneling process across a triangular energy barrier (Figure 11c) . Therefore, the absorption coefficient at hv < E g Γ increases compared to the case without the electric field. On the other hand, for hv slightly greater than E g Γ the absorption curve shows oscillating behavior near the band edge, known as Franz-Keldysh oscillations (Figure 11b , solid line). This is due to the fact that, for excited electrons with energy slightly greater than the triangular barrier, the probability to cross the barrier and reach its final state on the tilted conduction band edge is determined by the interference between the electron wavefunction and the barrier. This phenomenon is well known in quantum tunneling and it is similar to the Fabry-Perot oscillations in optics, both resulting from the nature of waves. While the picture presented above is simplified, it does capture most of the physics in FKE [113] . In QWs, the binding energy of excitons is notably larger than in bulk materials due to the quantum confinement, so exciton absorption peaks are clearly visible even at room temperature. Therefore, in addition to band-to-band transitions, the significant exciton absorption peak will notably enhance the EA effect compared to bulk materials. A rigorous, quantitative analysis of FKE and QCSE can be found in [114] . It is noteworthy that the stronger the optical absorption (without electric field), the stronger the EA effect since both are proportional to the transition matrix element between the valence band and the conduction band. As a result, only direct gap transitions show significant EA effect.
The figure-of-merit (FOM) for EAM materials and devices is the absorption contrast, Δα/α, i.e., relative change in absorption coefficient when an electric field is applied. As shown in Figure 11b , this is maximized at photon energies slightly smaller than the direct band gap. While FKE in bulk Ge only shows a Δα/α ~ 1 mainly limited by background absorption associated with indirect gap transition, 0.2% tensile-strained Ge demonstrates a significantly better absorption contrast of Δα/α ~ 4 at λ ~ 1630 nm since the energy difference between direct and indirect gaps is decreased [115] . On the other hand, strong QCSE from the direct gap transition of Ge has been demonstrated in strain-balanced Ge/Si 0.15 Ge 0.85 multiple QWs grown on a relaxed Si 0.1 Ge 0.9 buffer layer on Si [116] . The composition of Si 0.15 Ge 0.85 was specifically chosen to achieve Type I band alignment for the L-valleys, although it is not completely clear whether this is absolutely necessary to achieve significant QCSE from the direct gap transition. In III-V materials, typically QCSE is much stronger than FKE due to the additional contribution from excitons induced by quantum confinement. In the case of Ge, QCSE indeed shows a much larger Δα compared to FKE. However, the compressive strain in SiGe/Ge QWs as well as the quantum confinement effect itself increases the energy difference between the direct and indirect gaps of Ge QWs, as discussed in Section 2.5. Consequently, the background absorption from the indirect gap transition of Ge QWs also increases significantly. Overall, QCSE also provides a Δα/α ~ 4 at an optimal wavelength of λ ~ 1460 nm [116] , similar to tensile-strain enhanced FKE in Ge at 1630 nm. Considering that the absorption contrasts are comparable while a single tensile-strained Ge epitaxial layer is much easier to grow than multiple Ge QWs, for integration with CMOS process it is more convenient to use tensile-strained enhanced FKE for waveguide-coupled Ge EAMs. Moreover, the optical confinement in the GeSi FKE modulators is typically larger than that in the Ge QWs.
In order to shift the operation wavelength to λ ~ 1550 nm, a small amount of Si can be added to tensile strained Ge to increase the direct band gap of FKE modulators (Figure 12 ). One should note that the addition of Si tends to decrease Δα/α since it increases the difference between the direct and indirect gaps. Nevertheless, a Δα/α of ~3 can still be achieve at λ ~ 1550 nm [82] . For SiGe/Ge QCSE modulators with a direct band gap corresponding to λ ~ 1430 nm, one could heat up the device to reduce the band gap, apply a larger electric field to extend the EA spectral regime, or utilize some strain engineering approaches (see Section 2.1) to convert the compressive strain into tensile strain. Strain engineering is the most preferred method since it avoids additional power consumption and helps to reduce the energy difference between the direct and indirect gaps in Ge QWs, thereby increasing Δα/α. On the other hand, broad-band QCSE effect has been demonstrated recently by improving the QW design and controlling the DC reverse bias during operation [117] . Different from pervious QW structures, the 0.18% thermally induced tensile strain in the SiGe buffer layer is taken into account to design the QW stack. The Si composition in the buffer layer is increased from 10%-12% to further reduce the lattice mismatch with the Si substrate, and the QW stack is designed to have an average lattice constant identical to the tensile strained Si 0.12 Ge 0.88 buffer layer. The Si composition in the barrier layers is increased from 15%-19% correspondingly. This design enabled thin buffer layers and Ge QW stacks such that the same electric field can be achieved at a lower reverse bias. By measuring the responsivity spectra vs. reverse bias of a vertically incident Ge QW p-i-n photodiode, it was found that the absorption edge can be shifted beyond 1550 nm at −3.3 V reverse bias. A Δα/α of ~3.5 can be achieved at a voltage swing of V pp = 1 V in S band and C band by increasing the reverse DC offset from −0.4-−3 V. Based on the materials performance, it was predicted that a 200 μm-long waveguide-coupled Ge QW device can achieve 6.5 dB extinction ratio/4 dB insertion loss and 15 dB extinction ratio/7 dB insertion loss at 1550 and 1490 nm, respectively. Table 2 summarizes the performance of Ge EAMs reported in recent years. Compared to Si MZI modulators based on free-carrier induced refractive index changes, GeSi EAMs are based on an ultrafast (<1 ps) and highly efficient field-induced change in absorption near the direct band edge, which enables a very compact device size and an ultralow capacitance. These features are especially advantageous for short-range applications such as photonic links in data centers, while phase-based modulators such as Si MZIs are more favored for coherent transceivers in metro and long-haul applications [118] . Compared to Si microring modulators, GeSi EAMs have a broader range of operation wavelengths and their performance is much less susceptible to temperature variations on chip.
The first waveguide-integrated GeSi EAM was demonstrated using tensile-strain enhanced FKE and a butt-coupling scheme [83] . The material was alloyed with 0.75% Si for operation at 1550 nm wavelength, according to the design in [82] . An extinction ratio of 8 dB at λ = 1550 nm was achieved with an insertion loss of 3.7 dB and a peak-to-peak voltage swing of V pp = 3 V (from −4 to -−7 V). A 30 GHz waveguide-integrated Ge FKE modulator optimized for L-band operation (1610-1640 nm) [119] and a 40 GHz GeSi (0.7% Si) FKE modulator [120] optimized for 1550 nm operation have been demonstrated by Kotura, Inc. Very recently, a nine-channel GeSi EAM array integrated with 40 nm technology node digital CMOS driver and wavelength multiplexer was reported, marking the entry of waveguide-coupled GeSi EAMs into system level integration. [121] Single channel operation up to 25 Gb/s and nine-channel operation at 10.25 Gb/s has been achieved at a V pp of 2 V. Evanescently coupled Ge FKE modulators have also been reported [91] . , considering the most power-consuming scenario of flipping between "on" and "off" states in every operation.
b Integrated with 40 nm technology node CMOS driver and wavelength multiplexer. c The operation wavelength range could be redshifted up to 1550 nm at a DC bias of -7.5 V and 1 V voltage swing judging from the photocurrent measurement. The direct modulation data is only available at 1460 nm with −4 V DC bias, though.
The first Ge QCSE modulator was demonstrated using a side-entry approach [122] . The light was coupled through the edge of a lightly doped Si wafer, then incident on a Ge QW mesa grown on top of it. A 7.3 dB extinction ratio at 1457 nm was demonstrated with a V pp of 10 V. Ge QCSE modulators directly coupled to taper-lensed fibers were investigated in [123] . An extinction ratio greater than 7 dB has been demonstrated at ~1420 nm with ~3 dB insertion loss for a 34 μm-long device. The same group later achieved 23 GHz modulators with 9 dB extinction ratio and V pp = 1 V (between −3 and −4 V reverse bias) [124] . The insertion loss is partially due to the indirect gap absorption in the thick Si 0.1 Ge 0.9 buffer layer. The first waveguide-integrated Ge QCSE modulator was demonstrated on an SOI substrate using a butt coupling approach. A 3.5 GHz bandwidth was demonstrated at 1460 nm with an extinction ratio >3 dB, using an impressively compact device of 0.8 × 10 μm 2 [125] . Although the insertion loss is large due to the optical modal mismatch between the SOI waveguide and the Ge QW active region, it could be improved by optimizing the device design and fabrication. The ultralow capacitance of the device (0.75 fF) and low V pp = 1 V are highly advantageous for energy-efficient modulation. It is expected that the required DC voltage offset could also be reduced using the improved QW design in [117] . Very recently, a Ge QCSE modulator with Si 0.35 Ge 0.65 barrier layers working at 1300 nm has been reported, covering another important wavelength in optical communications [126] .
In summary of this section, the results in Table 2 indicate that Ge and GeSi EAMs are ideal candidates for high bandwidth, high energy-efficiency photonic modulators monolithically integrated on Si.
Ge Gain Media and Lasers
In 2007, we proposed combing tensile strain with n-type doping to compensate the energy difference between the direct and indirect band gap of Ge, thereby achieving net optical gain for CMOS-compatible LDs [19] . Optical gain [30, 127] and lasing at room temperature have been demonstrated experimentally under optical [128] and electrical pumping [129] since then. A recent review on this topic has been presented in [66] . Therefore, in this section we will mainly discuss approaches to further improve the performance of Ge-on-Si LDs based on the most recent results in this field.
The first electrically-pumped Ge-on-Si LD was based on a simple n + Si/n + Ge/p + Si double heterojunction structure [129] . Compared to optical pumping, the optical gain from the Ge active region has to be increased in order to overcome the FCA losses in the electrodes. As such, the n-type doping level in Ge is increased from 1 × , large enough to overcome the FCA in heavily doped Si and metal electrodes for electrically pumped lasers. Figure 13a shows a representative emission spectrum and L-I curve of an electrically pumped Ge-on-Si laser at room temperature. In this case, the output optical power is ~1 mW at an emission wavelength of 1610 nm. Depending on the thickness of the Ge layer and corresponding modal losses due to FCA in the electrodes, the clamping conditions of lasing vary accordingly and lasing wavelengths in a broad spectrum range of 1530-1660 nm has been observed. Such a broad gain spectrum is consistent with our theoretical predictions [19] , and it enables on-chip wavelength division multiplexing (WDM). The observed maximum output power is 8 mW at room temperature. A slope efficiency of η slope = 2% was demonstrated in an un-optimized device structure. We estimated an internal loss of α i = 636 cm [55] . Therefore, the internal quantum efficiency (IQE) of this prototype Ge-on-Si diode is estimated to be
The major limiting factor of IQE is likely to be Auger recombination, which tends to be dominated by free holes in Ge. Therefore, reducing the required injected carrier density for transparency is the key to further increasing the efficiency.
In analyzing the experimental data of the prototype Ge-on-Si LD, we noticed that the measured net optical gain is significantly higher than our original theoretical prediction in [19] , which assumed the classical Drude model in extrapolating the FCA losses of n + bulk Ge to λ = 1500-1700 nm. To understand this discrepancy, we measured the absorption spectrum of 0.25% tensile-strained n + Ge-on-Si using Fourier transform infrared spectroscopy (FTIR). The absorption spectrum of 0.25% tensile strained Ge with n = 1 × 10
is shown in Figure 13b after correction for the wavelength-dependent backside roughness scattering and impurity infrared absorption of the Si substrate [130] . In Regime I, the absorption drastically increases with wavelength at λ > 10 µm, indicating FCA. However, experimentally measured FCA decreases much faster with wavelength than the λ 2 Drude model at λ < 15 µm, indicating the breakdown of Drude model in the mid-and near-infrared regime. Instead, the experimental data is in good agreement with first principle calculations of the intra-L-valley (indirect valley) absorption [131] that takes into account the band structure of tensile-strained Ge as well as optical phonon, acoustic phonon and charged impurity scattering mechanisms. Therefore, we recalculated intra-L-valley FCA at λ = 1550 nm using first principle approach and found that the Drude model overestimated the intravalley FCA by an order of magnitude, as shown in Figure 13c [132] showing that intravalley FCA at photon energies larger than the band gap is in the order of 1 cm n-type doping. It indicates that FCA losses are overestimated in our previous theoretical analysis. On the other hand, Figure 13b shows that at λ < 11 μm, the absorption starts to increase again. We proposed that this is due to the onset of intervalley scattering absorption (IVSA) from the indirect L valleys to the direct Γ valley. The observed absorption edges in Regime II for tensile strained Ge samples with different n-type doping levels are consistent with the energy difference between the Γ valley and the Fermi level (Figure 13d , ΔE = E Γ − E f ). The shape of the IVSA absorption curve is also similar to that of the n + GaAs [133] . Note that the IVSA process in n + Ge promotes electrons from the indirect L valleys to the direct Г valley, which in turn enhances light emission and optical gain from the direct gap transition of Ge. This process is exactly opposite to the case of III-V semiconductors. The two factors discussed above explain why we observed a higher net gain than the original theoretical modeling.
It is also interesting to note that IVSA has not been observed in previous literature on bulk n + Ge (0 strain) or slightly compressively strained (−0.07%) n + Ge grown on GaAs reported recently [134] . Therefore, the 0.25% tensile strain in the n + Ge films seems to enhance IVSA by decreasing the energy difference between L and Г valleys and making more initial and final states accessible to phonon-assisted IVSA. Indeed, pressure-dependent ab initio calculation shows that the contributions of various phonons to the intervalley scattering are quite dependent on the energy separation between conduction band valleys [135] . Further considering that the inherent optical gain from the direct gap transition of tensile strained n + Ge is 25× higher than the steady-state gain [136] , enhancing L → Γ (indirect-to-direct) intervalley scattering by tensile strain, Sn alloying and/or phonon engineering in nanostructures [137] may help to significantly increase the optical gain of band engineered Ge LDs. Based on the results from the prototype device and the discussions in this paper, there are a number of approaches to further enhance the performance of Ge LDs in future research. (1) Optimize the balance among tensile strain, n-type doping, and Sn alloying. As mentioned in Section 2.4, each of these methods has its own technical difficulties when used alone. However, one could utilize moderate levels of tensile strain, n-type doping and Sn alloying to optimize optical gain and lasing without inducing significant challenges in materials growth and fabrication. Considering the reports of 5.7% uniaxial tensile strain [34] , >4 × 10
n-type doping, and 9-10 at % Sn alloying achieved so far, there is a lot of room available for such optimization. For 0.25% tensile strained Ge, our simulations have shown that if the n-type doping is increased to >7 × 10 19 cm −3 the threshold current density can be decreased below 1 kA/cm 2 at 1600-1700 nm, comparable to III-V double heterojunction lasers [55] . If tensile strain is increased or Sn is incorporated, the n-type doping level can be further decreased and the performance improved. Interestingly, our optical gain simulations show that even for band-engineered Ge right at the indirect-to-direct transition point ( still enhances the performance of the gain medium. Since the detrimental intra-L-valley FCA of n + Ge is an order lower than our original estimation, the increase of optical gain far exceeds that of FCA losses when n-type doping is incorporated in this case. Moreover, lower injected carrier density is needed to reach the same level of optical gain. Correspondingly, free hole absorption and hole-hole-electron Auger recombination process-the most dominant loss mechanisms-are also greatly reduced. All these factors can further reduce the threshold current density and increase lasing efficiency. (2) Bufferless selective growth of high quality n + Ge in narrow trenches ≤1 μm in width. The highly dislocated low-temperature Ge buffer layer has been proved to be an undesirable sink for the dopants in n + Ge [63] and one of the limiting factors of carrier lifetime [138] . While the buffer layer is necessary for blanket film growth, one can go without it for selective growths in narrow trenches ≤1 μm in width [139, 140] without affecting the growth profile or trench filling. This method could improve the material quality at the Ge/Si interface and enhanced the carrier injection efficiency in Ge LDs. (3) Incorporating tensile strain and/or Sn into Ge QWs. As discussed in Section 2.5, the compressive strain in SiGe/Ge QWs as well as the quantum confinement effect itself increases the energy difference between the direct and indirect gaps of Ge QWs. Therefore, under these conditions SiGe/Ge QWs actually perform worse than bulk tensile-strained n + Ge in optical gain and lasing [55] . With the recent progress in tensile strain engineering, we proposed that tensile strain has to be incorporated into Ge QWs in order to counteract the detrimental effect of epitaxial compressive strain and the adverse quantum confinement effect in SiGe/Ge QWs. Our modeling shows that 0.3% tensile-strained Ge QWs with n > 4. can potentially achieve a threshold of ~500 A/cm 2 , comparable to the performance of III-V LDs. The further incorporation of Sn alloying offers another handle to optimize the gain and lasing performance from the QW structures. In this case, the energy gap reduction due to tensile strain and Sn alloying can also be partially compensated by the quantum confinement effect. This helps to avoid potential issues related to the leakage current and enhanced Auger recombination in small band gap semiconductors. (4) Separate confinement of Γ vs. L electrons in QW structures. As mentioned in Section 2.5, by adequately designing the band alignment between the barrier and Ge QWs, one can enforce more quantum confinement for the L electrons (deeper well) vs. the Γ electron (shallower well), thereby transforming Ge towards a direct gap semiconductor. This approach overcomes the existing issue of SiGe/Ge quantum wells. One would prefer to use direct gap barrier layers such as AlGaAs to implement such structures effectively. Although using III-V materials for an active region is a significant challenge in CMOS compatible fabrications, using them as barrier layers does not require such high material quality and may allow low-temperature, CMOS compatible fabrications.
Another interesting topic to explore is the optimal relative positions of L vs. Γ valleys for on-chip laser sources without active cooling. As mentioned in Section 2.4, a pseudo-direct gap configuration can enhance the direct gap emission efficiency at high temperature and high injection levels due to enhanced L-to-Γ valley excitation or scattering. Considering that the Auger recombination rate in indirect valleys is orders of magnitude smaller than the direct valleys due to the momentum mismatch, the same reason as its lower radiative recombination efficiency, it may be beneficial to "store" the injected electrons in the L-valley and supply it to the direct Γ valley using the fast intervalley scattering process (sub-ps) [135] . This approach helps to optimize the efficiency as well as the high temperature performance of the band-engineered Ge LDs. Recent progress in Sn alloying and tensile strain will allow us to systematically change the relative energy positions between L and Γ valleys for this investigation. It is also important to study the Auger recombination process in these materials. Spectrally resolved ultrafast pump-probe measurements will likely provide important fundamental information on this aspect, especially distinguishing different processes during the relaxation of the injected carriers.
Conclusions
We review the latest progress in monolithic Ge-on-Si active photonic materials and devices, including band engineering, materials growth, device structures, and the current status of Ge PDs, EAMs and LDs. Waveguide-integrated Ge PDs have achieved a performance comparable or even better than their III-V counterparts. High performance of Ge PDs at 0 bias could enable photovoltaic mode receivers with even higher energy efficiency. Ge EAMs have demonstrated ultralow power consumption, high bandwidth, and a reasonably broad operation wavelength range for WDM applications. Both Ge PDs and EAMs have entered system level applications, and they are being commercialized by industry. Based on the results from the first prototype Ge-on-Si LDs and recent investigations on band engineering, FCA and intervalley scattering, we find that it is highly feasible to further improve the performance significantly by optimizing the synergy among tensile strain, Sn alloying, n-type doping, and novel QW structures. Recent progress towards direct growth of single crystal Ge and pseudo-single-crystalline, direct gap GeSn materials on dielectric layers also paves the path towards monolithic 3D photonic integration. Clearly, these high-performance monolithic Ge-on-Si active photonic devices will enable large-scale EPICs on Si.
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